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Nanoscale gold pillars strengthened through dislocation starvation
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It has been known for more than half a century that crystals can be made stronger by introducing defects into
them, i.e., by strain-hardening. As the number of defects increases, their movement and multiplication is
impeded, thus strengthening the material. In the present work we show hardening by dislocation starvation, a
fundamentally different strengthening mechanism based on the elimination of defects from the crystal. We
demonstrate that submicrometer sized gold crystals can be 50 times stronger than their bulk counterparts due
to the elimination of defects from the crystal in the course of deformation.
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Anyone who has ever repeatedly bent a copper wire
knows that it gets progressively stronger as it becomes more
deformed, through a phenomenon called strain-hardening.
The strengths of cold-worked metals are known to be up to
ten times greater than those of well-annealed crystals. Plasticity in metals occurs by the motion of dislocations, or line
defects, which multiply in the course of plastic deformation.
Impeding the motion of dislocations by introducing defects
into crystals results in strengthening. Although these fundamental concepts are often assumed to be applicable to crystals of any dimensions, numerous recent studies have shown
that conventional plasticity diverges at a certain length scale,
with smaller samples reported to be stronger than their bulk
counterparts.1–6
Pure metals and some alloys exhibit strong size effects at
the submicron scale.1–13 Size effects in indentation, torsion,
and bending have been understood in terms of the nonuniformity of the deformation, which sets up strain gradients
leading to hardening.7 Size effects are also found in thin
films, where the strength scales inversely with film thickness
and is usually attributed to the confinement of dislocations
by the substrate.8–10 Size effects are observed for pristine
crystals, as well.11,12 In the earliest stages of nanoindentation,
for example, the crystal volume is extremely small and can
be dislocation-free, requiring very large stresses to nucleate
new dislocations. In addition, classic experiments on the initially dislocation-free metal whiskers indicated that whiskers
with smaller diameters yielded at higher stresses.13 In typical
whiskerlike deformation behavior, initial elastic loading
leads to a very high stress followed by a significant drop and
continued plastic flow at low stresses. Finally, several molecular dynamics simulations14–16 and more recent experiments on small pillars17,18 all support the tenet that smaller is
stronger. In spite of much progress on size effects research
there is still no unified theory for plastic deformation at the
submicron scale.
We focus on size effects arising in unconstrained geometries, in the absence of strain gradients, and with nonzero
initial dislocation densities. Gold nanopillars ranging in diameter between 200 nm and several micrometers were fabricated using focused ion beam 共FIB兲 machining and a
microlithography/electroplating technique. These small pillars are found to plastically deform in uniaxial compression
at stresses as high as 800 MPa, a value ⬃50 times higher
than for bulk gold. We believe that these high strengths are
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controlled by the process of hardening by dislocation starvation. In this mechanism, once the sample is small enough, the
mobile dislocations have a higher probability of annihilating
at a nearby free surface than of multiplying and being pinned
by other dislocations. When the starvation conditions are
met, plasticity is accommodated by the nucleation and motion of new dislocations rather than by motion and interactions of existing dislocations, as is the case for bulk crystals.
The primary pillar fabrication method utilizes FIB machining to etch patterns of interest into single crystal gold.
Following the approach developed by Uchic et al.17 and used
by Greer et al.,18 the present work extends this fabrication
technique to much smaller nanopillars 共Fig. 1兲.
We have also developed a uniaxial testing technique for
studying mechanical properties of these tiny samples.
Uniaxial compression tests on pillars of varying sizes and
aspect ratios were conducted using the MTS NanoindenterXP
with a flat punch diamond tip. The tip was custom-machined
from a standard Berkovich indenter by etching off the tip in
the FIB. The resulting projected area is an equilateral triangle
with a 9 m inscribed circle diameter. Unlike previously reported uniaxial compression studies, the loading mechanism
here is nominally displacement-rate controlled rather than
load-controlled.18 The “nominal displacement rate” here refers to the variable in the software method specified by the
user. We wrote this method to simulate a constant displacement rate, and therefore a nearly constant strain rate. The
method utilizes a PID-based feedback loop to control the
displacement rate throughout the data acquisition in order to
enable the instrument to quickly remove the imposed load
during a discrete strain burst. Unfortunately, despite utilizing
this approach, the Nanoindenter, which is inherently a loadcontrolled instrument, is not capable of responding to every
slip event quickly enough. Therefore, the strain rate during
the plastic components of the stress-strain curve cannot be
fully controlled.
Load-displacement data were collected in the continuous
stiffness measurement 共CSM兲 mode of the instrument. Once
the surface of the pillar has been detected, such parameters
as load, harmonic contact stiffness, and compressive displacement of the top of the pillar are continuously measured
and recorded. The load-displacement data obtained during
the compression experiments are then converted to uniaxial
stresses and strains using the assumption that the plastic volume is conserved throughout this mostly-homogeneous de-
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FIG. 1. 共a兲 A representative 具001典-oriented gold pillar machined
in the FIB. Pillar diameter= 290 nm, pillar height= 1.2 m. 共b兲 A
large pillar 共7.45 m diameter兲 and a small pillar 共250 nm
diameter兲.

formation. Stress-strain curves of FIB pillars whose diameters range between 290 nm and 7450 nm as well as the
strength of bulk gold at 2% strain are presented in Fig. 2共a兲.
Uniaxial loading in the 具001典 direction, chosen for our experiments and corresponding to a high-symmetry orientation,
would result in the activation of 12 different 兵111其 / 具011̄典 slip
systems, with the pillar deforming uniformly around its diameter as it is compressed. In this orientation, despite the
presence of the end constraints, the pillar remains centrallyloaded and preserves its cylindrical shape throughout the deformation process.
Each curve represents a single test at a specific pillar di-

ameter, measured at approximately L / 3 below the pillar top.
The smallest pillar reaches a compressive stress of 800 MPa
at 10% strain. While in some cases the initial stages of deformation are not purely elastic due to the gradual onset of
yielding, the initial loading slopes of the well-aligned tests
give elastic moduli very close to the Young’s modulus of
gold in the 具001典 direction, 43 GPa. The fully elastic unloading slopes closely match the expected value, as well.
Another important aspect of these stress-strain curves is
the lack of stage II work-hardening associated with the activation of multiple slip systems in the course of deformation
of single crystals. In a typical single crystal, the dislocations
from different active slip planes interact with each other and
form sessile dislocations, creating a large number of barriers
for the movement of other dislocations, thereby requiring
ever-higher stresses with the increasing strain. A typical
work-hardening slope is on the order of  / 20, where  is the
elastic shear modulus. This behavior is prevalent in the compression of the largest pillar whose diameter is a little over
7 m, as shown in Fig. 3共a兲.
Contrary to this, the stress-strain behavior observed here
agrees more with stage I-type deformation, or the “easy
glide” section of a low-symmetry oriented single crystal deformation curve. Moreover, a representative stress-strain
curve in this work is composed of a number of discrete slip
events separated by elastic loading segments, while the overall stress level remains nearly constant as the strain increases
as shown in Fig. 3共b兲. This suggests that the hardening
mechanism here is the opposite to that of conventional
strain-hardening, with the elastic loading sections indicative
of the absence of dislocations rather than their multiplication.
One of the major concerns with the FIB fabrication technique is the possibility of Ga+ ion implantation into the
sample, and that this is the cause for the observed increase in
strength. Several approaches were used to address this issue.
First, Auger depth profiling analysis with subsequent surface
layer removal was employed. The initial concentration of Ga
was 1.7 at. % on top of the pillar and 0.8 at. % on its side.
The “side” of the pillar here refers to the middle third of the
specimen since in that area the deformation is closest to being homogeneous. The conformal surface layer was removed
by etching the rotating pillar in low-energy Ar+ plasma.
Depth profiling and surface etching were repeated to assess
the ever-decreasing concentration of Ga. The final etch step
resulted in the total removal of 5 nm from the pillar surface,
reducing the overall Ga concentration by ⬃50%, and the
gallium-to-gold ratio from 0.079 to 0.016. The significant
change in gold-to-gallium ratio indicates that Ga ions were
located near the surface rather than implanted into the
sample. These cleaned pillars were subsequently tested in
compression, which indicated that surface removal had little
effect on strength. The full Auger analysis can be found in
Ref. 19共a兲.
To further investigate the possible effects of Ga+ ion implantation, we developed an alternative fabrication technique
based on lithography/electroplating.18 The electroplated pillars were annealed at 300 ° C before testing to establish a
coarse grain size. While these pillars are polycrystalline, they
contain only 2–3 grains extending across the pillar width. To
complete the analysis of possible surface modification, some
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FIG. 2. 共a兲 Stress-strain behavior of 具001典-oriented pillars: flow stresses increase significantly as the pillar diameter is reduced. 共b兲 SEM
image of a compressed pillar after deformation. Slip lines in multiple orientations are clearly present and indicate a homogeneous shape
change.

single crystal pillars were annealed at 300 ° C to remove any
remaining defects. Figure 4 presents flow stresses of all
aforementioned samples as well as the FIB-fabricated
samples and a comparison to the axial stress corresponding
to the theoretical shear strength calculated by Ogata et al.20
All data points represent the pillars which deformed homogeneously during compression testing, as can be seen in Fig.
2共b兲.
It is clear from the graph that the electroplated pillars,
which were never subjected to the Ga+ ions, not only have
flow stresses higher than bulk gold but also exhibit a similar
rise in strength as the diameter is reduced. It is also clear that
Ga+ removal and pretest-annealing resulted in data that falls
on the curve formed by the FIB pillars. This result leads us to
believe that observed size effect is not linked to a specific
fabrication technique. While some minimal Ga+ might be

FIG. 3. 共a兲 Stage II work-hardening is clearly present in the
stress vs strain curve for the largest pillar whose diameter is
7.45 m. 共b兲 The lack of stage II work-hardening is evident in the
stress vs strain curve for a small pillar whose diameter is 400 nm.

FIG. 4. Flow stress vs pillar diameter for all FIB, electroplated,
annealed, and Ar plasma-treated pillars as compared to a range of
theoretical strengths and the yield strength of bulk gold.
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FIG. 5. Negatives of weak-beam dark field TEM images of a deformed pillar at the 关110兴 zone axis. Two dislocation lines are clearly
present for the ḡ = 关11̄1兴 and ḡ = 关22̄0兴 diffraction vectors and disappear for the ḡ = 关002兴. The negatives taken on a transparent film reverse
the polarity of the colors.

present on the surface of the pillars, it is not a major contributing factor in the strength increase.
One possible explanation for these high strengths can be
developed using the concept of dislocation starvation. In ordinary plasticity, dislocation motion leads to dislocation multiplication by the double cross-slip, invariably leading to
softening before strain hardening occurs through elastic interaction of dislocations. Unlike in bulk samples, dislocations in sub-micron-sized crystals can travel only very small
distances before annihilating at free surfaces, thereby reducing the overall dislocation multiplication rate. Gliding dislocations leave the crystal more rapidly than they multiply,
decreasing the overall dislocation density. Such processes
would lead to a dislocation-starved state requiring very high
stresses to nucleate new dislocations. Our phenomenological
model describes this hypothesis by calculating the evolving
dislocation density in the course of deformation. All equations and relevant details of this model as well as the model’s
predictions clearly showing the differences in deformation
mechanism between a relatively large and a relatively small
pillar are shown in Ref. 19共b兲. These theoretical results also
agree well with the experimental data shown in Fig. 3. The
dislocation starvation model we give here focuses only on
the starvation process and does not incorporate any possible
dislocation nucleation events. The modeling simply shows
that for crystals below a critical size the dislocation density
should decline in the course of deformation and tend toward
a dislocation-starved state. When such a state is reached, the
stress would be expected to rise abruptly leading subsequently to the nucleation of new dislocations at the everhigher nucleation stresses. This increase in the dislocation
nucleation stresses may be attributed to the scarcity of
sources in smaller pillars. An in-depth computational dislocation dynamics analysis is required to fully assess the dislocation behavior in a confined-geometry sample under the
described conditions. Some promising attempts have already
been made to create a model explaining the presence of a
characteristic length scale in mechanical deformation.14–16
Transmission electron microscopy 共TEM兲 observations of
pillar cross sections before and after deformation were made
in an effort to check one of the main predictions of the dislocation starvation theory. Due to the very small dimensions
of the pillar specimen, conventional TEM preparation tech-

niques could not be utilized. The preparation of the electrontransparent samples involved the application of the Omniprobe capability in the focused ion beam. Since the pillar
was exposed to the Ga+ ion beam throughout this sample
preparation process, several attempts were made to clean the
surface of TEM samples in the precision ion polishing system 共PIPS兲. The Gatan PIPS ion mill is equipped with two
low-energy Ar+ plasma beams whose tilt positions can be
adjusted to any value between 0° and 10°. While this method
of surface preparation is usually very effective, it did not
prove to be so in this case due to the slight misalignment
between the pillar and the TEM grid. This misalignment
leads to an error in the calculation of the plasma beam
angles, resulting in either milling away a part of the pillar or
not removing any damage. TEM images of a deformed pillar
cross section along the 关110兴 zone axis are shown in Fig. 5.
The pillar was compressed in the 关001兴 direction, which is
also shown in the figure.
In the TEM image, two dislocation lines which are clearly
present for the 关11̄1兴 and 关22̄0兴 diffraction vectors disappear
for the ḡ = 关002兴 case. TEM images were taken at two different zone axes, and two sets of invisibility conditions were
determined in order to calculate the Burgers vector of the
featured dislocations. Based on this analysis, the Burgers
vector of both dislocations visible in the TEM images is
关11̄0兴, as shown in Fig. 5. As expected, this Burgers vector is
perpendicular to the loading axes of the pillar 关001兴. The
transmission electron microscopy images of the deformed
pillars are found to be void of any mobile dislocations and
show only two dislocations whose Burgers vectors are perpendicular to the loading axis and thus not driven by the
applied stress. This supports the argument that all of the mobile dislocations escaped from the crystal, leaving it only
with these two nonmoving dislocations that must have
formed through a reaction of previously present mobile dislocations. TEM sample preparation inevitably leaves residual
FIB damage on the specimen surface. For example, the surface layer on the 80 nm thick TEM foil is approximately
5 nm thick and manifests itself as a collection of small dislocation loops. The appearance of these loops in the TEM
images for both undeformed and deformed cases indicates
that they are most likely due to the FIB damage during
sample preparation and are not produced by deformation.
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The existence of these dislocations on the surface of TEM
samples brings to question the possibility of their presence in
the original pillar surfaces, which might hinder the motion of
gliding dislocations as they are leaving the crystal. It should
be noted, however, that in the course of TEM sample preparation, the foil is subjected to higher doses of Ga+ current
compared to the actual pillar fabrication, due to the nature of
the incident ion beam angles. TEM sample preparation requires varying the angle between the sample and the ion
beam, resulting in more surface damage than during the FIB
preparation, where the ion beam is strictly orthogonal to the
pillar top and parallel to the sides of the pillar. Therefore, it
would be expected for the TEM-transparent samples to contain significantly more dislocation loops than the surface of a
FIB-machined pillar. Nonetheless, the possible presence of
some FIB damage on the surfaces of test samples is a complication that requires further study.
According to the dislocation starvation hypothesis described above, mobile dislocations are thought to escape
from the crystal at the nearest free surface before multiplying
and interacting with other dislocations. Such processes lead
to a dislocation-starved state, and nucleation of new dislocations in the newly-formed perfect crystal is required to accommodate further plastic deformation. When a perfect crystal is subjected to an applied stress, the activation energy
required for nucleation of dislocation loops is a strongly decreasing function of the ratio of the applied shear stress and
the ideal shear strength, as shown by Xu and Argon.21 The
stress levels attained for our smallest pillars correspond to
⬃0.45theoretical, requiring a high energy of ⬃13 eV to homogeneously nucleate a dislocation loop. Theoretical shear
strength values in this previous work, however, do not take
into account the atomistic nature of nucleating a dislocation
near a free surface, where the values of theoretical strength
are expected to be lower. Therefore, in the presence of free
surfaces, the fraction of applied stress to the theoretical
strength will be higher, requiring lower, more realistic energies to activate nucleation. In order to explore the possibility
of a nucleation-controlled deformation mechanism, it is useful to compare our experimental results to those obtained
computationally.
Several promising studies have been recently published
addressing the observed size effect at the nanoscale. In the
molecular dynamics work of Horstemeyer et al.,14 the em-
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(a) Ga Ion Implantation Investigation
This iterative procedure of etching followed by depth profiling was repeated 5 times until a
total of 5 nm of the surface was removed. The initial concentration of Ga was 1.7 at.% on
top of the pillar and 0.8 at. % on its side. The “side” of the pillar here refers to the middle
third of the specimen since in that area the deformation is closest to being homogeneous.
After cleaning, the Ga concentration on the pillar top was reduced to 1.0 at. % and that of
the pillar side - to ~ 0.02 at. %, indicating that the relative concentration of Ga was reduced
by more than 50%. Figure E1 shows the two-fold reduction in Ga peak intensity tuned at its
specific Kinetic Energy of 1067 eV.
BEFORE

AFTER

FIG. E1 Auger scans of Ga at its specific Kinetic Energy of 1067 eV before and after
plasma cleaning (side of the pillar). The graph on the left, corresponding to Ga+ signal
on the as-received pillars, shows the peak intensity of ~ 5.8 × 106 c/s. The peak
intensity after cleaning is reduced to ~ 3.39 × 106 counts/s, as shown in the plot on the
right, indicating a ~50% reduction in Ga concentration.

2

Two specific Au energies (high and low) used in this Auger analysis were: MNN transition
at 2024 eV and N7VV transition at 71.73 eV. The Auger transition in Ga was L3M4, 5M4, 5 at
1067 eV.

(b) Dislocation Starvation Mechanism
Our phenomenological model describes this hypothesis by calculating the evolving
dislocation density in the course of deformation. The overall rate of dislocation density
change can be expressed as the sum of the rate of dislocation multiplication and the rate of
dislocation annihilation at the surface. The former can be phenomenologically related to the
breeding coefficient, δ, the number of new dislocations created when each dislocation
moves a unit distance, and the dislocation velocity, v, as described by Gilman [1]

dρ + = ρ δ vdt .

(1)

If we assume that for a pillar of radius a, any dislocation found within distance vdt from the
free surface has a 50% probability of escaping the crystal, the dislocation annihilation rate
is an inverse function of the pillar size as follows:

vdt
 1 2π a ⋅ vdt 
dρ − = − ρ  ⋅
=
−
ρ

π a2 
a
2

vdt
 1 2πavdt
dρ− = −ρ
= −ρ
.

2
2 πa

a

(2)

The total dislocation density would then evolve with axial plastic strain, ε p , according to

3

 (n − 1 α ε p 
ρ = ρ0+ 
⋅ ,
M
 b

(3)

where b is the Burgers vector and M = c o s λ c o s ϕ is an orientation factor involving the
angles λ and ϕ , denoting the slip direction and slip plane normal relative to the axis of
deformation. Based on Eq. 3, it is clear that if the crystal size is smaller than the reciprocal
of the breeding coefficient, the overall dislocation density would decrease in the course of
deformation. Since the compression is performed at a constant strain rate, the dislocation
velocity would be expected to rise with the decreasing dislocation density, since the shear
strain rate is directly proportional to their product through γ = ρ bv . Higher stresses will
then be required to accommodate the faster movement of gliding dislocations. A useful
form for the stress dependence on the dislocation velocity, v, is modelled after Gilman [1]
and can be written as

v=

τ
 − 20 τ resist 
exp

B
τ



,

(4)

where τ is the applied shear stress, B = 3×105 Pa⋅s/m is the drag coefficient, and τresist is the
average resistance stress arising from elastic interactions of dislocations and the bowing
force on dislocations moving across the pillar. The stress arising from the elastic
interactions between dislocations can be represented by the conventional Taylor hardening;
it is proportional to the Burgers vector, the shear elastic modulus, and the square root of the
dislocation density:

τ
(5)

dislocation

=

1
µb ρ
2

4

In addition to these interaction stresses, another component of the resistance stress is the
bowing stress, which is needed because a dislocation must lengthen itself as it travels from
the surface of the pillar to the middle. If a dislocation with line tension Γ travels across a
circular crystal cross-section of the pillar1 with the radius a, the following schematic can be
used to illustrate the geometry:

Diagram 1. A schematic of a dislocation segment gliding in its slip plane, lengthening
itself as it travels from the surface of the pillar towards its middle. The glide plane and
the dislocation segment are assumed to be circular to reduce the complexity of the
calculations.

1

Of course, the cross-sectional shape of {111} slip planes is elliptical rather than circular. However, in

favor of reduction of calculation complexities, approximating this geometry as a circle will not affect the
dislocation starvation model in a significant way.

5

To achieve the lowest-energy configuration, the dislocation line orients itself normal to the
free surfaces throughout its travel, as shown in Diagram S1. The bowing stress of a
dislocation is related to the dislocation line tension, Γ, through the dislocation bowing
radius, R:

τ ⋅b=

Γ
.
R

(6)

Here, the bowing stress τ is a function of s, the distance between the dislocation and the
centre of the pillar. The expression for the dislocation line tension is, approximately,

µ b2
 αa 
Γ =
ln
,
4π (1 − ν )  b 

(7)

where α is a constant of order unity. Based on the geometry depicted in Diagram 6.1, the
radius of curvature of the dislocation line can be expressed in terms of the fractional
distance between the dislocation line and the pillar center, (s/a), in the following way:

(1 − ( s a ) ) .
R = a⋅
2

(8)

2 ⋅ ( s a)

The resistance stress τ, at any particular separation distance s, is then found by solving
a

Equation 6.6. The average resistance stress, τ , is then simply the ratio of ∫ τ ⋅ Rψ ds and
0

a

∫ Rψ ds , or the average stress integrated the over the cross-sectional area swept by the
0

gliding dislocation. Combining Eqs. (5) through (8), the following expression for the total
average resistance shear stress that any mobile dislocation has to overcome in order to
glide in its plane is:

6

τ resist = 0.5 μb ρ + 1.4

μb
 αa 
ln
,
4πa( 1 − ν)  b 
(9)

where µ is the elastic shear modulus, ν is Poisson’s ratio, and α is a constant of order unity.
Determination of this resistance stress enables us to calculate the dislocation velocity
according to Eq. 4. From the velocity, v, the dislocation density, ρ, and the Burgers vector,
b, the expression for the overall rate of strain can be developed as a sum of the elastic and
plastic components, respectively:

ε =

1 dσ ρbv
+
E dt
M

(10)

Eq.10 relates the overall strain rate with the increment of axial stress per unit time. Fixing a
constant strain rate allows us to numerically calculate the stresses and strains at each
increment in time.
A representative stress-strain plot generated by this model for a 100 µm-pillar, whose
diameter is greater than the reciprocal of breeding coefficient, a > 1 δ
E3.

is shown in Figure
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FIG. E3 Model Predictions for stress vs. strain for a larger pillar with a 100 m
diameter, showing a clear strain-hardening behavior.
The shape of this stress-strain curve is consistent with the conventional strain-hardening
behaviour of crystals. During strain-hardening, dislocations elastically interact with each
other and form sessile dislocations, for example, Lomer-Cottrell locks, which act as
obstacles to the motion of other gliding dislocations. More and more dislocations get
pinned by these locks, forming Frank-Read sources, from which new dislocations are
emitted. Therefore, the total number of dislocations in the crystal increases significantly
during strain-hardening.
Quite to the contrary of this behaviour, the stress-strain plot in Figure E4 shows the
compressive behaviour of a small pillar with the diameter of 500 nm, for which a < 1 δ .
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FIG. E4 Stress vs. strain model predictions for a smaller pillar with a 500 nm
diameter. After elastic loading, the mobile dislocations escape at the nearby free
surfaces, thereby reducing the dislocation density, and the crystal becomes
dislocation-starved.
For this very small pillar, the stress-strain behaviour is characterized by a region of
declining flow stress, followed by abrupt elastic loading when the crystal becomes
dislocation starved because the mobile dislocations escape from the crystal at a nearby free
surface before having an opportunity to react with other dislocations.
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(c) Dislocation Nucleation as Primary Plasticity Mechanism

FIG. E5 Log-Log plot of flow stress normalized by the elastic modulus vs. sample
dimension for the EAM model results and the Dislocation Dynamics results vs.
experimentally-obtained data.

FIG. E6. Log-Log plot of flow stress vs.
the sample (Zuo et al. (2005)).

1
m

N

where N is the total number of atoms in
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